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The inﬂuence of sole and joint Zr and Mn additions on the recrystallization behaviour of an AA2198-base alloy has been compared
during extended annealing at 535 C, following hot rolling to sheet. With a constant Zr level recrystallization resistance was seen to
diminish with the addition of Mn and became progressively worse with a decrease in Zr content, as more Mn was added. It has been
found that this behaviour arises because the additional pinning pressure of Al20Cu2Mn3 dispersoids does not adequately compensate
for the expansion in width of the Al3Zr-free bands that occurs on the addition of Mn to the base alloy, even with the same Zr level.
The lower potency of Mn, relative to Zr, in inhibiting recrystallization has been attributed to the poorer coherency and higher aspect
ratio of the Al20Cu2Mn3 dispersoids, which reduces their Zener pinning pressure by a factor of four relative to that of the Al3Zr phase.
In addition, the presence of the coarser Al20Cu2Mn3 dispersoids was found to increase the stored energy after hot rolling. The recrys-
tallization mechanism was dependent on the dispersoid type. The addition of Zr led to the dominance of broad front strain-induced
boundary migration (SIBM), whereas the addition of Mn-containing dispersoids favoured particle-stimulated nucleation (PSN). Texture
measurements have veriﬁed this observation, with SIBM favouring the growth of recrystallized grains of orientations typical of the defor-
mation texture and PSN promoting the growth of randomly orientated grains during recrystallization.
 2014 Acta Materialia Inc. Published by Elsevier Ltd. This is an open access article under theCCBY license (http://creativecommons.org/
licenses/by/3.0/).
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The demand for better damage tolerance in advanced
Al–Cu–Li alloys has revived interest in obtaining a more
complete understanding of the role that dispersoid-forming
alloy additions perform in these alloys [1]. This enhanced
interest stems from the fact that dispersoids play an impor-
tant role in preventing recrystallization during solution
treatment and because partially recrystallized microstruc-
tures exhibit inferior fracture toughness, compared to fully
ﬁbrous grain structures [2–9]. The joint addition of Zr and
Mn dispersoid-forming elements has been introducedhttp://dx.doi.org/10.1016/j.actamat.2014.05.028
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[10–12]. The rationale behind the combined addition of
Mn and Zr is based on the opposite microsegregation
patterns these elements form during casting [13,14]. In
theory, this should increase recrystallization resistance by
leading to a greater uniformity of dispersoid coverage
[15–19], consequently improving fracture toughness
[20–22]. However, in recent work on AA2198 alloy sheet
by the present authors [14,23,24], a subtle interaction was
observed between Zr and Mn when the latter element
was added to the baseline alloy, which resulted in a reduc-
tion in recrystallization resistance.
It is well known that in commercial Al–Cu–Li alloys the
addition of Zr leads to the precipitation of the metastable
b0-Al3Zr phase during homogenization treatments [25].org/licenses/by/3.0/).
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are coherent with the Al matrix [26]. In comparison, Mn
forms larger, semicoherent, lath-shaped Al20Cu2Mn3 dis-
persoids [27]. The size, number density, distribution and
morphology of these dispersoids depends strongly on the
homogenization treatment and local supersaturation in
the cast microstructure [28,29]. Because Zr and Mn have
opposing microsegregation patterns in aluminium (arising
from partition coeﬃcients of >1 and <1, respectively
[30,31]), b0 is typically found to precipitate within the den-
drite cores and the Al20Cu2Mn3 dispersoids are concen-
trated towards the dendrite/grain boundaries. These two
families of dispersoids are consequently found to have a
banded distribution (in the normal direction (ND)) in
rolled products, with layers between the bands containing
a low dispersoid density of the two respective dispersoid
types [23].
In a recent previous study [23] it was found that addition
of Mn to an AA2198 alloy containing 0.11 wt.% Zr
resulted in the average number density of the Al3Zr disper-
soids being reduced and their size slightly increased. How-
ever, a more important inﬂuence was found on the width of
the low Al3Zr particle density bands seen in sheet material.
This behaviour was shown to be caused by a small amount
of Zr being dissolved into the Mn-bearing phases, which
had a disproportionate eﬀect on Al3Zr precipitation in
the interdendritic regions in the cast billet, where there
was already a low Zr supersaturation. However, in this
work the dominant recrystallization mechanisms operating
in the materials and the eﬀect of the two diﬀerent disper-
soid types on their texture development were not
investigated.
The presence of two dispersoid families that form alter-
nating bands in the ND in a rolled sheet is likely to interact
in a complex manner with any recrystallization front that
forms on annealing. In hot-rolled aerospace alloys the
main mechanisms of recrystallization are generally found
to be particle-stimulated nucleation (PSN), when new
grains grow from the deformation zones around coarse
constituent particles located at prior grain boundaries that
are associated with a low dispersoid density [32–39]; and
strain-induced boundary migration (SIBM), which takes
place by the migration of a pre-existing high-angle grain
boundary (HAGB) into a region of higher stored energy
[32–34,40–44]. Both of these mechanisms are strongly
dependent on the presence of pinning particles. The eﬀect
of pinning particles on PSN is to increase the critical size
of the nucleus [32] and on SIBM to retard grain boundary
mobility, which can favour broad front SIBM [45,46]. The
recrystallization mechanism can also aﬀect the recrystalli-
zation texture, through inﬂuencing the growth or consump-
tion of speciﬁc texture components [32,33,45,47–54].
Although the eﬀect of dispersoid particles on the recrys-
tallization resistance of aluminium alloys has been exten-
sively investigated [32,47–49,55–57], currently no work in
the literature has investigated in detail the mechanisms of
recrystallization operating when dual Al20Cu2Mn3 andAl3Zr dispersoid phases are present in commercial Al–Cu–Li
alloys. The scope of the present work was to address this
issue by systematically comparing the recrystallization
behaviour of an AA2198 base alloy, containing individual
and joint Al3Zr and Al20Cu2Mn3 dispersoid phases. The
eﬀect of the dispersoid additions on the texture evolution
is also discussed.
2. Experimental
The materials used in this study were supplied by Con-
stellium, Centre de Recherches de Voreppe, France, in
the form of 6 mm thick sheet, with two diﬀerent temper
conditions; hot-rolled (F temper), and solution-treated,
stretched and naturally aged (T351 temper). The produc-
tion route involved direct chill (DC) casting, homogeniza-
tion, and hot rolling down to the ﬁnal gauge, for which
the total true strain was 4. The experimental alloys were
based on the composition of AA2198, and were produced
with both individual and joint combinations of the disper-
soid-forming elements Zr and Mn. The alloy compositions
and designations are presented in Table 1. Although the
exact composition has not been given for the Cu, Li, Mg,
and Ag levels, great care was taken in ensuring tight com-
position control, with variability between castings kept to
<3% for each element. However, the Zr and Mn levels pro-
vided in Table 1 are actual values measured from chemical
analysis. The experimental alloys underwent a standard
single-temperature homogenization treatment. Unfortu-
nately, at the time of the research the 2198–0.1Zr alloy
was not available in the F temper with the same homogeni-
zation treatment and an otherwise identical sample that
had been subjected to a two-stage homogenization was
consequently included in the study. This alloy has been
labelled 2198–0.1Zr-D, so that it can be distinguished from
the alloy with the standard treatment.
Isothermal annealing treatments were carried out on the
samples, in both the F and T351 tempers, at the solution
treatment temperature of 535 C followed by quenching
in water. Microstructural analysis was carried out by
means of scanning electron microscopy plus electron back-
scatter diﬀraction (SEM/EBSD) and transmission electron
microscopy (TEM) on samples cut from rolling direction
(RD)–ND cross-sections after diﬀerent annealing times.
An FEI Sirion FEG-SEM with an EBSD system was used
to characterize the grain structures, textures and the vol-
ume fraction of recrystallization on samples that were
metallographically prepared followed by light electropol-
ishing. Several hundred grains were measured in each con-
dition. An FEI Tecnai FEG-TEM operating at 300 kV was
used to analyze the microstructures in more detail and
measure the dispersoid and subgrain sizes more accurately.
Subgrain sizes were measured by the linear intercept
method in accordance with ASTM E 562-02 [58]. To
quantify the dispersoid number densities and volume
fractions, the thickness of the TEM foils was measured
with the aid of electron energy loss spectroscopy (EELS)
Table 1
Alloy compositions used in this study (wt.%). The Zr and Mn concentrations were directly measured, whereas, for commercial reasons, the nominal
compositions are given for other elements.
Alloy Cu Li Mg Ag Zn Fe Si Zr Mn
2198–0.1Zr 2.90–3.50 0.80–1.10 0.25–0.80 0.10–0.50 <0.08 <0.10 <0.08 0.110 –
2198–0.1Zr–0.3Mn 0.111 0.30
2198–0.05Zr–0.3Mn 0.053 0.31
2198–0.4Mn – 0.40
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Particle size measurements were carried out in scanning
transmission mode (STEM) using a high-angle annular
dark ﬁeld detector (HAADF), in order to take advantage
of the atomic number contrast.
The EBSD orientation data was analyzed using the in-
house software Vmap (developed by Humphreys [59]),
for quantiﬁcation of the texture. Ideal orientations were
deﬁned with a radius of 15. The misorientation cut-oﬀ
level selected for high-angle grain boundaries (HAGBs)
in the EBSD maps was 15, while low-angle boundaries
(LAGBs) were deﬁned between 15 and 1.5. Pole ﬁgures
were plotted with the commercial software HKL CHAN-
NEL5 (Oxford Instruments).
3. Results
3.1. Average dispersoid densities
As will be seen below, the microstructures and texture
developed during annealing were strongly inﬂuenced by
the dispersoid content of the alloys. Measurements of the
size and density of the dispersoid particles observed in each
alloy in the T351 temper are given in Table 2. Example
images of their typical size and distribution can be found
in Refs. [14,23]. Following solution treatment, the average
diameter of the Al3Zr dispersoids was smallest in theTable 2
Measured size and number density of the Al3Zr and Al20Cu2Mn3 dispersoids
2198–0.1Zr-D 2198–0.1Zr
Size (nm)
Al20Cu2Mn3 length – –
Al20Cu2Mn3 width – –
Al20Cu2Mn3 (ECD) – –
Al3Zr diameter 33.9 ± 0.5 18.8 ± 0.2
Number density (lm3)
Al20Cu2Mn3 – –
Al3Zr 102 ± 11 252 ± 60
Interparticle spacing (nm)
Al20Cu2Mn3 – –
Al3Zr 118.8 87.8
Volume fraction (104)
Al20Cu2Mn3 – –
Al3Zr 20.8 ± 2.3 8.8 ± 2.1
fv/r (lm
1)
Al20Cu2Mn3 – –
Al3Zr 0.123 0.093
N/M: not measured.2198–0.1Zr base alloy, at 18.8 nm, and increased to 21.3
and 25.3 nm in the 2198–0.1Zr–0.3Mn and 2198–0.05Zr–
0.3Mn alloys respectively, while their number density
reduced from 252 lm3 in the 2198–0.1Zr baseline material
to 174 lm3 in the 2198–0.1Zr–0.3Mn alloy. In contrast,
the Al20Cu2Mn3 dispersoids had a much greater average
size and lower number density, which stayed relatively
constant in size (160 nm) but increased in density from
2.6 to 3.6 lm3, in the alloys containing 0.3 wt.% Mn
(2198–0.1Zr–0.3Mn and 2198–0.05Zr–0.3Mn) to the
2198–0.4Mn alloy with 0.4 wt.% Mn.
The relative average boundary pinning pressure, Pz,
provided by the dispersoids in each of the 2198 alloy
variants was also assessed by comparing the Zener ratio
(fv/r) which is derived from the well-known relationship:
P sz ¼
acfv
r
; ð1Þ
where a is a numerical constant largely dependent on
geometry (ideally = 1.5 for spherical particles), c is the
grain boundary energy, fv is the particle’s volume fraction
and r is its radius [60]. Values for fv/r have been determined
separately for the Al3Zr and Al20Cu2Mn3 dispersoids
within each material, using the equivalent circular diameter
for the Mn dispersoids. From this data it can be seen that
the 2198–0.1Zr baseline alloy, which contained only Al3Zr
dispersoids, had a fv/r ratio of 0.093 lm
1. In comparison,in the T351 temper.
2198–0.1Zr–0.3Mn 2198–0.05Zr–0.3Mn 2198–0.4Mn
233.0 ± 4.0 264.6 ± 7.6 221.7 ± 4.0
102.8 ± 0.8 107.6 ± 1.2 107.9 ± 0.8
152.4 166.2 157.0
21.3 ± 0.3 25.3 ± 0.8 –
2.6 ± 0.2 2.6 ± 0.2 3.6 ± 0.2
174 ± 23 N/M –
402.3 402.3 361.5
99.2 N/M –
54 ± 3 75 ± 8 94 ± 5
8.8 ± 1.2 N/M –
0.071 0.090 0.120
0.083 N/M –
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0.3Mn alloy, by summing the eﬀect of both types of disper-
soids, was the highest of all the materials at 0.150 lm1,
while the 2198–0.4Mn alloy had a fv/r ratio greater than
that of the standard 2198 alloy of 0.120 lm1, owing to
its high volume fraction of Al20Cu2Mn3 particles.
3.2. Stored energy
The energy available for recrystallization in aluminium
alloys after hot rolling is largely stored in the form of sub-
grain boundaries. Subgrain size measurements were carried
out by EBSD and TEM on the as-rolled F temper and
T351 materials (Fig. 1). The HAADF-STEM images in
Fig. 2a–c illustrate the surprisingly large decrease in sub-
grain size that was observed in the Mn-containing alloys,
relative to the baseline alloy with only Zr. Although the
2198–0.1Zr F temper material (2198–0.1Zr-D) unfortu-
nately had experienced a diﬀerent homogenization treat-
ment, which gave rise to a coarser distribution of Al3Zr
particles than the standard 2198–0.1Zr material, this eﬀect
was still clearly seen in unrecrystallized areas of the T351
temper material that had undergone the standardFig. 1. Substructure characteristics for the AA2198 alloy variants: (a)
average subgrain size (ECD) and aspect ratio in the T351 condition (TEM
measurements); and (b) calculated average stored energy in the as-hot
rolled F temper (EBSD measurements).homogenization treatment (2198–0.1Zr), shown in
Fig. 2d–f. For example, the alloy containing only Zr had
a LAGB ND spacing of 2 lm, whereas the Mn addition
signiﬁcantly decreased the ND spacing to 1 lm, in the
2198–0.1Zr–0.3Mn alloy, and was also smaller, but less
so, in the 2198–0.05Zr–0.3Mn alloy. It should further be
noted that the subgrain morphology had a lower aspect
ratio in the Mn-containing alloys (Fig. 1a).
Estimates have been made of the stored energy in each
material, Usg, using the following relationship:
U sg  3cHABd
h
hm
1 ln h
hm
 
; ð2Þ
where h is the average boundary misorientation and cHAB is
the energy for a non-special high angle boundary, where
the cut-oﬀ, hm, is taken as 15 [32]. Values of the average
misorientations of the LAGBs present, h, and the equiva-
lent subgrain circular diameter, d, were obtained from
EBSD orientation maps. Although such estimates of stored
energy are not very accurate, the eﬀect of a smaller sub-
grain diameter on the relative stored energy available for
recrystallization is important and Eq. (2) predicts that the
2198–0.1Zr–0.3Mn alloy would have 30% higher stored
energy than the 2198–0.1Zr alloy after hot rolling and prior
to annealing (Fig. 1b).
3.3. Grain structure in the T351 solution-treated condition
In industrial practice the ﬁnal grain structure of an aero-
space product is developed in the solution treatment stage
prior to artiﬁcial aging. The eﬀect of the diﬀerent disper-
soid additions on recrystallization resistance will therefore
be ﬁrst compared in the standard T351 temper. EBSD
maps showing the grain structures and levels of recrystalli-
zation present in the diﬀerent materials after solution treat-
ment are provided in Fig. 3 and the area fractions of
recrystallization are summarized in Fig. 4a. The alloys that
were partially recrystallized exhibited heterogeneous
microstructures consisting of regions of ﬁbrous grains elon-
gated along RD, containing well-recovered subgrains, and
regions of recrystallized grains that were also highly elon-
gated in RD. Some grains exceeded 1 mm in length, render-
ing the quantiﬁcation of their aspect ratio diﬃcult.
However, the HAGB ND spacing could be reliably deter-
mined from EBSD maps and is presented in Fig. 4b.
It can be clearly seen from Figs. 3 and 4a that the addi-
tion of Mn, together with lowering the Zr content, led to a
sharp increase in the recrystallized volume fraction, which
was nearly zero at the sheet centre for the baseline 2198–
0.1Zr alloy and increased to 100% in the 2198–0.4Mn alloy.
The overall level of recrystallization increased in order
from 1.5% in the 2198–0.1Zr baseline alloy, to 14% in
the 2198–0.1Zr–0.3Mn alloy, to 63% in the 2198–0.05Zr–
0.3Mn alloy and 100% in the 2198–0.4Mn alloy, which
was fully recrystallized. However, this sequence did not
agree with the order of increasing net Zener dispersoid pin-
ning ratio, which was highest for the 2198–0.1Zr–0.3Mn
Fig. 2. Subgrain morphologies seen for the alloy variants, in RD–ND sections at the sheet centre, for the alloy variants in F and T351 tempers: (a) 2198–
0.1Zr-D (F), (b) 2198–0.1Zr–0.3Mn (F), (c) 2198–0.4Mn (F), (d) 2198–0.1Zr (T351), (e) 2198–0.1Zr–0.3Mn (T351) and (f) 2198–0.4Mn (T351).
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which contained a coarser Al3Zr dispersoid distribution
than the standard 2198–0.1Zr material, exhibited a lower
level of recrystallization than any of the Mn-containing
alloys. An interesting observation from these results was
that when the same amount of Zr that was present in the
standard 2198 alloy was used together with Mn in the
2198–0.1Zr–0.3Mn alloy, the recrystallized volume fraction
increased from near zero to 14%, relative to when Zr was
employed alone, despite the 2198–0.1Zr–0.3Mn alloyhaving the highest fv/r ratio. As expected from the more
recrystallized microstructures, the alloys with lower or no
Zr content showed a large increase in HAGB ND spacing
(Fig. 4b).
3.4. Recrystallization kinetics at 535 C
To study their recrystallization kinetics, all the alloys
were annealed within the solution treatment temperature
range of the base material (505–540 C) [61] at 535 C
Fig. 3. Euler angle coloured EBSD maps from the sheet mid-plane after solution treatment (T351), comparing the levels of recrystallization seen in the
alloys: (a) 2198–0.1Zr, (b) 2198–0.1Zr–0.3Mn and (c) 2198–0.4Mn.
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as-hot rolled F temper (Fig. 5a), but due to the unavailabil-
ity of the standard 2198–0.1Zr alloy in this condition, sam-
ples were also heat treated starting from the T351 condition
(Fig. 5b). As can be seen from Fig. 5, when annealed from
both starting conditions, the materials exhibited trends
consistent with the recrystallized volume fractions seen in
the as-received T351 microstructures. Isothermal annealing
thus conﬁrmed that alloys with a higher Zr and lower Mn
level were more resistant to recrystallization. In the alloys
annealed from the F temper, the alloy containing only
Zr, 2198–0.1Zr-D, still exhibited the lowest levels of recrys-
tallization. Even after 144 h heat treatment its recrystal-
lized area did not exceed 15%, despite the “D”
homogenizing treatment resulting in coarser Al3Zr disper-
soids, whereas the 2198–0.4Mn alloy fully recrystallized
within 5 min at 535 C. In comparison, the 2198–0.1Zr–
0.3Mn alloy exhibited an intermediate behaviour: ﬁrst
recrystallizing rapidly to a level of 17%, followed by stag-
nation with a subsequent slow increase in the level of
recrystallization to 35% after 72 h, and then showing a
steeper rise to 55% after 144 h. The 2198–0.05Zr–0.3Mn
alloy with a lower Zr content recrystallized much more rap-
idly, reaching complete recrystallization after 5 h. When
starting from the T351 temper, the 2198–0.1Zr alloy (which
in this condition had received the same homogenization
treatment as the other materials) was again more resistant
to recrystallization than all the other alloys, exhibiting only
a level of 7% recrystallization after prolonged annealing
(144 h).3.5. Recrystallization mechanisms
To better understand the dominant recrystallization
mechanisms operating in the alloy variants, as a function
of their Zr and Mn content, samples were selected for fur-
ther analysis from each alloy at annealing times corre-
sponding to a low volume fraction of recrystallization
(<10%).
3.5.1. Recrystallization in the baseline alloy containing only
Zr
Fig. 6 shows some examples from the few recrystal-
lized regions found in the baseline 2198–0.1Zr alloy in
the T351 condition and also after a short 1 h annealing
treatment at 535 C. In Fig. 6a, a band of grains, or a
very elongated interconnected recrystallized grain, can
be seen growing with a near-S orientation that originated
from the unrecrystallized microstructure below it in the
image. This S band appears to have consumed a neigh-
bouring band of Brass orientation in the deformation
structure (shown above in Fig. 6a) but still contains
LAGBs in its lower section. Elongated grains which
appeared to be recrystallizing in a similar manner, but
with Cube, P, Copper and random orientations (white),
are shown in Fig. 6b after annealing for 1 h at 535 C
from the F temper. These grains also still contained
areas where LAGBs were present, which probably corre-
spond to the region delineated by the original position of
a HAGB before it migrated. This recrystallization mech-
anism is thus indicative of SIBM [32–34,40–44] and
Fig. 4. (a) Area fraction of recrystallization (RD–ND plane), and (b)
HAGB spacing in ND, for all the alloy variants in the T351 temper,
obtained from EBSD data.
Fig. 5. Fractions of recrystallization plotted against annealing time
measured from EBSD maps (RD–ND plane, mid-thickness) for all the
alloy variants when starting in (a) the F temper, and (b) the T351
condition.
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migration are indicated in Fig. 6b.
Although SIBM was the most frequent recrystallization
mode observed in the 2198–0.1Zr material, it was not the
sole process. In several instances recrystallized grains were
found that contained aligned etch pits formed from large
constituent particles that fell out during sample prepara-
tion by electropolishing (e.g. Fig. 6c and d). These particles
were aligned with the RD so that it is likely they were orig-
inally situated on a grain boundary in the rolled micro-
structure. They also tended to be found in recrystallized
grains with random orientations. Hence, it is quite likely
that such grains were nucleated by PSN [32–39].
3.5.2. Recrystallization in the alloy containing only Mn
The 2198–0.4Mn alloy fully recrystallized very rapidly at
535 C, by 40% within 3 min, and examples of recrystal-
lized grains for this condition are shown in Fig. 7a. In this
alloy the role of the constituent particles was much more
evident. In the EBSD band contrast map in Fig. 7b, several
recrystallized grains can be seen that are associated with
fairly large particles of the order of a few microns in size.
Within the EBSD map shown, 8 out of the 16 recrystallizedgrains either contained (or were in contact with) one or
more coarse particle in the section plane. Bearing in mind
that grains are more likely to contain particles not inter-
secting the plane of view, this strong association is indica-
tive of PSN dominating the recrystallization behaviour in
this alloy. SIBM was also found to operate in the 2198–
0.4Mn alloy, albeit at a much lower frequency. Evidence
of this alternative mechanism is apparent in the EBSD
map in Fig. 7c, where a high aspect ratio grain (appearing
in white as randomly oriented) can be seen to have grown
into a region previously occupied by either a Copper band
or an S band. On the right edge of the grain a region of
retained subgrain boundaries can again be observed, simi-
lar to that noted above in the case of the 2198–0.1Zr alloy.
3.5.3. Recrystallization in the 2198–0.1Zr–0.3Mn alloy
The most interesting case was that of the 2198–0.1Zr–
0.3Mn alloy because it contained both dispersoid families.
In Fig. 5a this was shown to lead to a complex shape in the
recrystallization curve, since a low fraction of recrystallized
grains started appearing after only 3 min annealing and
then recrystallization stagnated for 72 h at 20%, before
accelerating again. Early recrystallization in the 2198–
0.1Zr–0.3Mn alloy was found to develop mainly elongated
grains with random orientations, as can be seen from
Fig. 6. Examples of the early stages of recrystallization in the 2198–0.1Zr-D alloy: (a) EBSD texture component map showing an S-oriented band growing
into a Brass-oriented region (T351), (b) similarly for grains with Cube, P and Copper orientations (T351), and (c) a grain of random orientation containing
coarse particles shown by etch pits in a band contrast map in (d), all following a solution treatment of 1 h at 535 C from T351.
Fig. 7. The early stages of recrystallization in the 2198–0.4Mn alloy: (a) EBSD texture component map showing recrystallized grains of various
orientations (annealed for 3 min at 535 C); (b) EBSD band contrast map of the same area illustrating the association of large constituent particles with
recrystallized grains; and (c) EBSD texture map showing a less frequent example of what is probably SIBM in the same alloy (annealed for 90 s at 535 C).
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this did not generally lead to a random grain orientation.
Fig. 8b presents an example of a grain in the process of
growing by SIBM by forming a bulging boundary of S
orientation, similar to the surrounding recovered substruc-
ture. This mechanism became more widespread only after
longer annealing times.
The early recrystallization in this alloy was found to
occur primarily within bands of Mn dispersoids, as shown
in Fig. 9a after 4 min at 535 C. In the same TEM montage
image, two recrystallized grains are visible and each isassociated with a Mn dispersoid band. In the areas
between these bands, few Al20Cu2Mn3 particles were
present and a high density of Al3Zr dispersoids was found.
This correlation was observed regardless of the nucleation
mechanism responsible for the recrystallized grain.
However, Mn dispersoid-rich bands that were not associ-
ated with recrystallized grains were also seen at this stage.
Fig. 9b also presents an example of a large constituent par-
ticle situated right on the grain boundary of a recrystallized
grain, which the adjacent recrystallized grain probably
originated from.
Fig. 8. The early stages of recrystallization in the 2198–0.1Zr–0.3Mn alloy: (a) EBSD texture component map showing high aspect ratio recrystallized
grains of predominantly random orientation (T351); and (b) an example of a bulging SIBM nucleus in the same alloy (24 h at 535 C).
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To see if the diﬀerent dispersoid densities inﬂuenced the
texture, EBSD analysis was performed on the F temper
(as-hot rolled) materials and at progressive stages during
annealing. {111} pole ﬁgures for the T351 starting condi-
tion are shown in Fig. 10, which indicate that texture was
strongly aﬀected by the level of recrystallization in each
material. The texture was strongest in the nearly unrecrys-
tallized 2198–0.1Zr alloy, with a maximum value of
19.8  random, but became very weak and ill-deﬁned in
the fully recrystallized 2198–0.4Mn material.
The EBSD data were also diﬀerentiated into the unre-
crystallized and recrystallized areas and the volume frac-
tions of the major texture components were then plotted
against annealing time for the four alloy variants. In
Fig. 11 it is apparent that in the F temper the deformation
textures in all cases were dominated by the S and Brass
components, while all other orientations on the normal b
rolling ﬁbre had a low intensity. In the 2198–0.1Zr alloy
there was little change with annealing time because the
material remained largely unrecrystallized, even after
144 h at 535 C (note that for this alloy the recrystallized
texture data has been omitted because it was statistically
poor owing to the very low level of recrystallization). In
the 2198–0.4Mn alloy, both the S and Brass components
can be seen to decrease simultaneously on annealing to
be replaced by a largely random texture as the material
recrystallized. In contrast, the 2198–0.1Zr–0.3Mn alloy ini-
tially showed a gradual reduction in the S and Brass frac-
tions, corresponding to the stagnation behaviour
described above. Fig. 11c shows that the 2198–0.4Mn alloy
probably initially followed a similar trend, but did not stag-
nate in its level of recrystallization, and the Brass level was
already higher in this alloy in the starting condition. In
Fig. 11, it can be further noted that the recrystallizationtextures in all the Mn-containing alloys were dominated
by random components.
4. Discussion
The recrystallization studies performed in this work,
during extended annealing at solution treatment tempera-
tures, have conﬁrmed a previous observation that the addi-
tion of Mn increases the level of recrystallization seen in a
Zr-containing AA2198 alloy when processed to hot-rolled
sheet [14,23], which is the opposite eﬀect to that originally
intended. In a previous publication, this behaviour was
shown to be caused by subtle interactions that take place
when Mn is used jointly with Zr as a dispersoid former
in Al–Cu–Li alloys, which aﬀects the density and spatial
distribution of Al3Zr dispersoids present in the rolled mate-
rial. It was previously shown that the addition of 0.3 wt.%
Mn to the 2198–0.1Zr baseline alloy caused a small average
reduction in the number density and an increase in the size
of the Al3Zr dispersoids, which led to a modest overall
reduction in the average Zener pinning pressure (Table 2).
This behaviour was found to be caused by a slight reduc-
tion in the Zr supersaturation available for precipitation
of Al3Zr dispersoids during homogenization, and occurred
because a low concentration of Zr became dissolved in Mn-
bearing phases. However, model predictions showed that
this small reduction in Zr supersaturation had a dispropor-
tionate eﬀect on the Al3Zr density near grain boundaries,
where there was already a low Zr supersaturation because
of inverse segregation during casting, and was suﬃcient to
double the width of Al3Zr dispersoid-free bands present in
a rolled sheet. This increase in Al3Zr dispersoid-free band
width was particularly signiﬁcant because, at these rela-
tively high rolling reductions, the precipitate-free band
width in the original Mn-free AA2198 baseline alloy was
of a similar scale to that of the substructure. The doubling
Fig. 9. TEM images from the 2198–0.1Zr–0.3Mn alloy (annealed for 4 min at 535 C) showing: (a) recrystallization within Mn dispersoid-rich bands; and
(b) a possible PSN nucleus within the deformation zone imaged via HAADF-STEM.
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adding Mn, while retaining the same Zr level, thus
increased the fraction of recrystallization from close to zero
to 14%, as has been demonstrated again above in more
detail (Figs. 4 and 5).
However, the argument in this earlier paper was largely
based on noting that the Mn dispersoids were ineﬀective in
preventing recrystallization in the baseline material, whenrolled to sheet, and the discussion focused on the eﬀect of
Mn on the precipitation behaviour of the Al3Zr dispersoids
and their spatial distribution across the bands they formed.
This paper thus left some unanswered questions, which will
be discussed here in the light of the new data presented
above. In particular, if the Zener pinning ratio data is con-
sidered in Table 2 it is surprising that the Mn dispersoids
are so ineﬀective relative to the Al3Zr dispersoids they
Fig. 10. {111} pole ﬁgures showing the textures of the AA2198 alloy variants in the T351 temper: (a) 2198–0.1Zr (f(g)max = 19.8), (b) 2198–0.1Zr–0.3Mn
(f(g)max = 15.7), (c) 2198–0.05Zr–0.3Mn (f(g)max = 6.1) and (d) 2198–0.4Mn (f(g)max = 5.1).
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Al20Cu2Mn3 phase in the 2198–0.1Zr–0.3Mn alloy
(fv/r = 0.07) is comparable to that for the Al3Zr dispersoids
in the 2198–0.1Zr baseline material (fv/r = 0.09). In fact, in
the 2198–0.4Mn alloy fv/r is actually 30% higher than for
the Al3Zr dispersoids (fv/r = 0.12). In addition, when the
net eﬀect of both dispersoid families is considered, the total
average Zener pinning ratio is substantially higher in the
2198–0.1Zr–0.3Mn alloy (fv/r = 0.15) that recrystallized,
compared to the 2198–0.1Zr material (fv/r = 0.09) which
did not. Furthermore, the Mn dispersoids are not homoge-
neously distributed, due to positive partitioning of Mn dur-
ing solidiﬁcation, and tend to be concentrated near the
grain boundaries present in the original cast structure that
are elongated in the rolling process. Such boundaries are
often found to be sites of recrystallization because they
are frequently associated with primary particles inherited
from the cast structure [62].
4.1. Eﬀect of Mn addition on stored energy
It is apparent from Figs. 1 and 2 that the two diﬀerent
dispersoid types had a notable eﬀect on their comparative
stored energy prior to annealing. The 2198–0.1Zr–0.3Mn
alloy had the smallest subgrain size and the estimates pre-
sented suggest that after hot rolling the stored energy forthis alloy was 30% greater than that of the 2198–0.1Zr-
D material. Classical work by Ashby [63] has shown that
small non-shearable particles generate additional “geomet-
rically necessary” dislocations the density of which, q, has a
similar dependence on volume fraction and particle size as
PZ (Eq. (1)):
q ¼ 3 fv
r
es
b
; ð3Þ
where es is the shear strain and b is the Burgers vector.
Thus, the rate at which additional dislocations are formed
by the dispersoid particles as a function of strain will
increase in proportion to the same fv/r ratio as their pin-
ning pressure. Larger particles are also more eﬀective at
multiplying dislocation loops during deformation by
promoting cross-slip [64]. The addition of Mn to the
2198–0.1Zr alloy will hence increase the rate of dislocation
generation. However, the dislocation density will be limited
by recovery and the associated formation of cellular struc-
tures during hot working. The additional Mn in solution,
which after precipitation of the dispersoids during homog-
enization would be 0.18 wt.% [23], could, therefore, be
important in this context in inhibiting recovery. However,
according to Westengen et al. [65], the eﬀect of Mn solute
on inhibiting recovery and recrystallization depends on
the alloy system’s composition, due to interactions with
Fig. 11. Area fractions of the main texture components measured in the deformed and recrystallized regions of the (a) 2198–0.1Zr, (b) 2198–0.1Zr–0.3Mn
and (c) 2198–0.4Mn alloys as a function of annealing time at 535 C.
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pronounced in dilute alloys than commercial alloys.
4.2. Eﬀect of dispersoids on boundary mobility
There have been numerous attempts over the years to
modify the original Zener relationship given in Eq. (1) to
take into account the eﬀect of diﬀerent types of particle
morphology and coherency [60,66–69]. From this work it
is clear that coherent particles that lose their coherency
on passage of a grain boundary are more eﬀective than
incoherent particles in pinning a boundary by a maximumfactor of two [66]. This would suggest that, relative to the
eﬀectiveness of the Al20Cu2Mn3 particles, the fv/r ratio
for the Al3Zr dispersoids should be doubled. Furthermore,
while both sets of dispersoids are banded in the rolled
sheet, the Al3Zr particles are spherical, whereas the
Al20Cu2Mn3 are lath-shaped and are aligned in the rolling
plane. This means they will exert a diﬀerent pining pressure
in diﬀerent directions as the surface area of a grain bound-
ary that interacts with the particle will depend on the
particle orientation. This eﬀect has been modelled for the
case of ellipsoidal particles with eccentricity e by Nes
et al. [66] who obtained the relationships:
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P ez
P sz
¼ 1þ 2:14e
pe1=2
ð5Þ
that describe the drag force, P ez, for particles interacting
end-on (Eq. (4)) and edge-on (Eq. (5)) with a boundary,
relative to that for spherical particles, P sz, with the same
volume fraction. Using the data in Table 2 it can be
estimated that, from their geometry alone, the elongated
Al20Cu2Mn3 particles will be nearly half as eﬀective at pro-
viding a boundary pinning pressure in RD as the measured
value of fv/r would imply, which was determined using
their equivalent circular diameter. However, in ND they
would be expected to be nearly twice as potent. Thus, tak-
ing into account their lack of coherency and their align-
ment, for the same fv/r ratio, the Al20Cu2Mn dispersoids
will be less eﬀective at preventing boundary mobility in
RD than the Al3Zr particles by a factor of about four. Fur-
thermore, although the larger cross-section of the Mn par-
ticles in ND oﬀers a higher pinning force, it has been
suggested that a “ledge propagation” mechanism [67,70]
can be responsible for the easier bypassing of a lath-shaped
particle by a boundary when migrating perpendicular to its
long edge, as the boundary can still move laterally along its
major axis. A probable example of this mechanism in oper-
ation is shown in Fig. 12, where a boundary pinned by the
wide edge of a lath-shaped Al20Cu2Mn3 dispersoid is seen
to be moving sideways at the point of contact to slip oﬀ
the particle’s end parallel to its long axis.
For the extended annealing treatments investigated it is
apparent that the dispersoid particles will coarsen with
time and this will slowly reduce their net pinning pressure.
However, in the case of the 2198–0.1Zr alloy signiﬁcant
recrystallization did not occur even after annealing for
144 h. Equally, the mechanism of recrystallization did not
change and was still dominated by broad-front SIBM. InFig. 12. Interaction between an elongated Mn dispersoid and a migrating
grain boundary, illustrating the “ledge propagation” mechanism of GB
motion.comparison, in the 2198–0.4Mn alloy recrystallization
occurred rapidly by PSN as the dispersoid particle density
was already too low from the start of annealing to prevent
recrystallization, even without signiﬁcant coarsening. The
intermediate case of the 2198–0.1Zr–0.3Mn alloy with joint
Zr and Mn additions showed rapid initiation of recrystalli-
zation and then stagnation. In this alloy recrystallization
initiated early in regions where there was a lower Al3Zr dis-
persoid density and then developed very slowly at a rate
that would, therefore, be expected to be strongly aﬀected
by coarsening of the Al3Zr dispersoids.
The coarsening kinetics of the Zr and Mn dispersoids
have been presented in a previous publication (Fig. 10 in
Ref. [23]) which showed that the Al3Zr dispersoids
increased in size from around 20 nm to 55 nm after
144 h annealing. If the particles retain their coherency, this
would reduce the average pining pressure by a similar fac-
tor of 2.5. The critical diameter for coherency loss of the
Al3Zr phase was calculated to be 70 nm. Thus, although
there is a particle size distribution in the microstructure, the
majority of the Al3Zr dispersoids would be expected to
remain coherent even at the longest annealing time of
144 h and the factor of 2.5 seems reasonable. When recrys-
tallization is controlled by the slow rate of coarsening of
pinning particles the stored energy will reduce simulta-
neously with the reduction in pinning pressure, in a process
known as “extended recovery”, and this can be an impor-
tant factor in the stagnation of recrystallization, as was
observed for the 2198–0.1Zr–0.3Mn alloy [32].
It was also found previously (Fig. 10 in Ref. [23]) that
the Mn dispersoids increased in equivalent diameter from
75 nm to 125 nm in the 2198–0.1Zr–0.3Mn alloy on
annealing for 144 h, but did not spheroidize. In contrast,
they coarsened more along their long and less along their
short axis, increasing their aspect ratio. For the same
equivalent particle diameter this eﬀect would cause a slight
increase in the overall pinning pressure in ND according to
Eq. (5), but it could equally be argued that this would be
counteracted by promoting the ledge propagation mecha-
nism of boundary migration which was analyzed earlier.
In any event, the Mn dispersoids were not able to prevent
recrystallization on their own even prior to any coarsening
occurring, and thus coarsening of the Mn dispersoids
would not be expected to change the recrystallization
mechanisms in any of the Mn-containing alloys.
4.3. Recrystallization mechanisms
From the above discussion it is apparent that the
Al20Cu2Mn3 dispersoids are less eﬀective than Al3Zr parti-
cles in preventing recrystallization in sheet Al–Cu–Li alloys
that have undergone a large rolling reduction. In particu-
lar, the boundary pinning pressure they provide has been
estimated to be about four times less than that of the Al3Zr
particles, while at the same time they increase the stored
energy in the hot-rolled material. In the materials studied,
the balance between driving force and pinning pressure,
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alloy variant. Similarly, in the case of joint Zr and Mn
additions recrystallization was possible within the
Al20Cu2Mn3 dispersoid-rich bands because the width of
the Al3Zr-free region was widened by the addition of Mn,
due to the Mn–Zr interaction previously discussed [23].
In addition, it is also apparent that the inclusion of Mn
in the 2198 alloy at the expense of Zr changed the domi-
nant recrystallization mechanism and texture development
during heat treatment. The main mechanism of recrystalli-
zation seen in the 2198–0.1Zr alloy, which exhibited a very
low level of recrystallization even after extensive heat treat-
ment, was identiﬁed to be SIBM. Because the growing
grain develops by the migration of a pre-existing grain
boundary, SIBM has the characteristic feature that it will
normally retain a main rolling component and can leave
behind a region that still contains LAGBs or even drag
out LAGBs behind the migrating boundary [32–34,40–
44]. This is evident in several grains in Fig. 6. When there
are high pinning pressures, as provided by the Al3Zr dis-
persoid distribution, this mechanism has also been previ-
ously reported to tend to operate across a broad front,
leading to the formation of grains highly elongated along
RD [45,46]. Again, examples of this behaviour are shown
in Fig. 6a and b. The initiation of broad-front SIBM will
also be favoured by the elongated grain structure and the
low-density Al3Zr dispersoid bands present in the starting
microstructure.
In contrast, as the Mn content was increased and the
Al3Zr dispersoid density reduced, PSN became more pre-
valent in the 2198–0.4Mn alloy until it dominated the
recrystallization process. In aluminium alloys PSN nor-
mally originates from highly misorientated subgrains
within the deformation zones surrounding constituent par-
ticles, but this can be inhibited by a high density of ﬁne dis-
persoids in the matrix which increases the critical nucleus
size beyond that of the primary particles’ deformation
zones [6,32]. PSN was observed in the 2198–0.1Zr–0.3Mn
alloy to occur at short annealing times within Mn-rich
(and Al3Zr-free) bands. However, this still gave rise to
elongated grains due to the banding of the Al3Zr disper-
soids, which caused recrystallization to stagnate once it
had expanded to cover the regions of low Al3Zr density
in the rolled material (Fig. 6). Such grains can also be dis-
tinguished in Fig. 8 from their random orientations. SIBM
was also observed in the alloys with joint Zr and Mn addi-
tions (Fig. 8b), but was not as prevalent as PSN. A further
factor that would favour PSN on the addition of Mn is
through an increase in the number of potential PSN sites
in the material. For example, it is known that Mn can be
combined with Fe and Cu within constituent particles
which can increase their volume fraction [24,71,72].
Finally, the loss of the more eﬀective Al3Zr dispersoids
resulted in a fully recrystallized microstructure in the
2198–0.4Mn alloy and a lower aspect ratio grain structure.
The high association of recrystallized grains seen in the
early stages of recrystallization with constituent particles,and their random orientations, suggests that recrystalliza-
tion in this material occurred almost exclusively by PSN.
4.4. Eﬀect of dispersoid content on texture
The level of recrystallization and the dominant recrys-
tallization mechanism can have a major role in the prefer-
ential consumption or growth of deformation texture
components during solution treatment [73]. In common
with other Al–Cu–Li alloys [74–76], the main deformation
texture components seen after hot rolling in all the AA2198
alloy variants were S and Brass (Fig. 11). However, in the
starting hot deformation textures a signiﬁcant diﬀerence
could be observed (Fig. 11), in that in the as-hot rolled tex-
tures in the 2198–0.1Zr baseline alloy the S component was
stronger than Brass, but in the Zr-free Mn-containing alloy
the fraction of Brass was marginally higher than S. This
trend could potentially be related to the fact that the
Mn-containing alloys were more prone to recrystallization
and consequently they may have already partially recrystal-
lized between hot-rolling passes, which could change the
balance between Brass and S because the latter component
develops more strongly at large rolling strains [32,77].
During extended solution treatment in the Mn-contain-
ing alloys PSN was found to be the dominant recrystalliza-
tion mechanism (Figs. 7 and 8). In PSN it is well known
that the nucleus is formed in the deformation zone around
a particle that contains a large spread of local misorienta-
tions, and therefore the recrystallization front will migrate
and consume the surrounding substructure irrespective of
its particular b-ﬁbre orientation [32,33]. Thus, on annealing
the Mn-containing alloy variants, both the S and Brass
components would be expected to be consumed to a similar
extent and replaced by a more random texture. This can be
veriﬁed by the observation that the volume fraction of S
and Brass components reduced at a similar rate, as the level
of recrystallization increased, in all the Mn-containing
alloys during extended annealing (Fig. 11).
In contrast, in the baseline alloy containing only Zr,
broad-front SIBM was found to be the main mechanism
of recrystallization. In SIBM grain boundary migration
occurs due to a diﬀerential in stored energy across a HAGB
segment separating grains that have deﬁned orientations
within the deformation texture; new orientations are thus
not expected to be generated by this process [32]. However,
in SIBM if speciﬁc components have a systematic growth
advantage they can potentially increase in intensity
and others can reduce. Hence, when SIBM dominates
recrystallization this leads to the retention of the original
deformation texture in the annealed microstructure.
This behaviour can be seen in Fig. 11a where in the
AA2198–0.1Zr alloy the S and Brass component volume
fractions remained fairly constant at all annealing times.
In this alloy the ratio of S to Brass also did not change
signiﬁcantly on annealing, suggesting that there was no
particular preference for SIBM to initiate within a particu-
lar texture component. However, given the low volume
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subtle preference for one particular texture component to
increase in volume fraction within the experimental scatter
without performing more repeated texture measurements,
which was not possible in the current study.
5. Conclusions
In this work the eﬀect of Mn and Zr dispersoid-forming
additions on the recrystallization behaviour of an Al–Cu–
Li alloy has been investigated, after hot rolling to 6 mm
gauge sheet. It has been found that recrystallization resis-
tance diminishes as Zr is progressively replaced with Mn.
More importantly it has been conﬁrmed that if Zr is main-
tained at a constant level and Mn is added to the standard
2198 alloy as a second dispersoid-forming element, this
also results in a reduction in recrystallization resistance,
despite the fact that the opposite microsegregation patterns
of these two elements give a more complete coverage of dis-
persoids in a rolled product.
A reduction in eﬀectiveness of the Al3Zr dispersoids in
inhibiting recrystallization on the addition of Mn has itself
been reported previously by the present authors and results
from an increase in the Al3Zr dispersoid-free band width in
hot-rolled Al–Cu–Li products. Here, it has been shown
that the above observations can be explained largely by
the high density of Al20Cu2Mn3 dispersoids formed in the
Al3Zr dispersoid-free bands still not having adequate pin-
ning pressure to compensate for the reduction in eﬀective-
ness of the Al3Zr dispersoids. The lower potency of Mn
relative to Zr in inhibiting recrystallization has been attrib-
uted to the poorer coherency and higher aspect ratio of the
Al20Cu2Mn3 dispersoids, which lowers their Zener pinning
pressure by a factor of four relative to that of the Al3Zr
particles, when compared on the basis of the same volume
fraction/equivalent spherical diameter ratio. In addition, it
has been shown that the presence of coarser Al20Cu2Mn3
dispersoids increased the stored energy prior to recrystalli-
zation by increasing the rate of generation of geometrically
necessary dislocations during hot working and reducing the
subgrain size prior to solution treatment.
The dominant recrystallization mechanism has been
found to depend strongly on the dispersoid content in each
alloy. The more eﬀective dispersion of Al3Zr particles in the
2198–0.1Zr alloy led to the dominance of broad-front
SIBM, as a consequence of the high pinning pressure pro-
vided by the ﬁne and coherent Al3Zr dispersoids, whereas
the lower pinning pressure and increase in nucleation site
density on the addition of Mn favoured PSN. Recrystalli-
zation texture measurements veriﬁed this observation, since
SIBM favoured the retention of deformation texture com-
ponents on annealing, while PSN promoted the nucleation
of more randomly orientated grains. Finally, the ratio of
the main S and Brass deformation texture components
observed in the hot-rolled microstructures was seen to
reduce on increasing the alloy’s Mn content relative to
their Zr level. This eﬀect has been attributed to partialrecrystallization being more likely to occur between rolling
passes in the Mn-containing alloys which weakens the S
component.
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